Here, we report a comprehensive study that combines in situ scanning electron microscopy experiments and atomistic simulations to quantify the effect of crystal size on the transformation in deformation modes in a-axis oriented Mg single crystals at room temperature. The experimental results indicate that the deformation is dominated by the nucleation and propagation of tensile twins. The stress required for twin propagation was found to increase with decreasing sample size, showing a typical "smaller is stronger" behavior. Furthermore, an anomalous increase in strain hardening is first reported for microcrystals having diameters larger than~18 mm, which is induced by twin-twin and dislocation-twin interactions. The hardening rate gradually decreases toward the bulk response as the microcrystal size increases. Below 18 mm, deformation is dominated by the nucleation and propagation of a single tensile twin followed by basal slip activity in the twinned crystal, leading to no apparent hardening. In addition, molecular dynamics simulations indicate a transition from twinning mediated plasticity to dislocation mediated plasticity for crystal sizes below a few hundred nanometers in size. A deformation mechanism map for twin oriented Mg single crystals, ranging from the nano-scale to bulk scale is proposed based on the current simulations and experiments. The current predicted size-affected deformation mechanism of twin oriented Mg single crystals can lead to better understanding of the competition between dislocations plasticity and twinning plasticity.
Introduction
Magnesium (Mg) and its alloys have been garnering significant interest as structural materials for many technologically relevant applications in the automative, aerospace, electronics, and biomedical industries, due to the their light weight, high specificstrength, and superior damping capacity [1e4] . However, the use of Mg alloys as a structural material has been limited to date due to their poor ductility and formability at room temperature, as well as their poor creep resistance at elevated temperatures [1, 5] . The poor ductility of Mg originates from the hexagonal closed packed (HCP) lattice structure, which exhibits low crystal symmetry. According to Taylor criterion, five independent slip systems are required to accommodate homogeneous deformation [6] . However, basal <a> and prismatic <a> slip only provide four independent slip systems [7e9]. Pyramidal <cþa> slip may provide the additional independent slip system at elevated temperatures, but is difficult to activate at room temperature due to its high CRSS [10, 11] . As a result, Mg does not have sufficient active slip systems at room temperature. On the other hand, twinning can provide the required independent deformation mechanism to satisfy the Taylor criterion, and plays an important role in accommodating room temperature plastic deformation along the c-axis [12] . Thus, quantifying the competitive nature between slip and twinning is necessary to understand the deformation behavior of Mg and subsequently improve its properties through alloying.
Over the past decade, the effects of intrinsic and extrinsic length scales on the deformation mechanisms of micron sized single crystals [13e18] and polycrystalline thin films [19e28] have drawn considerable attention. While deformation twinning in HCP crystals is common and is a highly competitive deformation process along with dislocation slip over a broad range of length scales, the effect of the crystal size on these competitive deformation processes is still relatively unexplored. Only a limited number of studies on polycrystalline Mg [29] and Mg alloys [30e32] reported the existence of a critical grain size on the order of a few microns, below which deformation twinning is suppressed and dislocation mediated plasticity predominantly governs plastic deformation. In addition, recent discrete dislocation dynamics (DDD) simulations of the competition between dislocation slip and f1012g tension twinning in Mg [33] suggested that twinning deformation exhibits stronger grain size effects as compared to dislocation slip in polycrystalline Mg, which is the main reason for the change in deformation mode at a critical grain size. It should be noted that polycrystalline Mg and Mg alloys are more technologically relevant over single crystal Mg. However, experimental results on polycrystalline materials can be ambiguous to analyze due to the complicated crystal orientation, variation in grain size, and influence from grain boundaries. On the other hand, single crystal Mg and Mg alloys experiments can provide a detailed quantification of the competitive nature of twinning and dislocation slip that would provide insights to better fundamental understanding of the deformation mechanisms in polycrystalline Mg and Mg alloys.
While a number of size effect studies on single crystal Mg and Mg alloy microcrystals have been reported recently, most were limited to c-axis compression that is not a favorable orientation for twinning, or to microcrystal having sizes in the range of a few microns [34e37]. In these later studies, the twinning deformation mode was governed by a single twin variant that leads to strain softening or massive strain burst [35,38e42] . These observations are characteristically different than that for bulk Mg and Mg alloys, were multiple twins with different variants are activated and interact with each other, leading to considerable strain hardening [43e45] . Thus, understanding the transition in twin modes may provide powerful insights to tailor the mechanical behavior of Mg alloys through dimensional refinement to facilitate the future use of Mg alloys as a lightweight structural material.
In the present study, the size effects on the transition in deformation modes in Mg single crystals is characterized at room temperature through both in situ scanning electron microscopy (SEM) experiments and molecular dynamics (MD) simulations. The paper is organized as follows. First the materials and method are discussed in details in Section 2. The results of both the experiments and simulations are then presented and discussed in Section 3. Finally, a summary and conclusions are given in Section 4.
Materials and methods

Sample fabrication
An a-axis ½1120 oriented single crystal Mg rod, purchased from Metals Crystals and Oxides Ltd. UK, was cut using wire electrical discharge machining (EDM) to extract a 12 mm diameter disk having 3 mm thickness. The disk was then chemically polished in a solution of 10% nitric acid in deionized (DI) water, followed by electropolishing using a solution of 5% nitric acid in methanol electrolyte, to remove the oxide and EDM induced damage surface layers. The initial dislocation density was measured using the etchpitting technique by exposing the surface of the sample to a solution consisting of 10 g ammonium chloride dissolved in 50 cm 3 of DI water [46, 47] . The estimated initial dislocation density was on the order of 10 9 m À2 .
Magnesium ½1120 oriented cylindrical pillar-like microcrystals, ranging in diameter from D ¼ 2.0e22.6 mm, were then milled into the disk using the FIB annular milling technique. The microcrystals' aspect ratio were approximately 2:1 (height to mid-plane diameter) to avoid buckling for higher aspect ratios, or nonuniform stresses along the length for lower aspect ratios [48, 49] . We have experimentally verified that the aspect ratio did not affect the governing deformation mechanisms to be discussed below, as well as the measured critical resolved shear stress. The taper angle resulting from the annular milling process was approximately 2 , which is not expected to affect the deformation mechanisms of interest in the current study.
Mechanical testing
All microcrystals were tested at room temperature in uniaxialcompression using an in situ SEM nanoindentation setup (InSEM, Nanomechanics Inc.), equipped with a 30 Â 30 mm diamond flat tip punch. The in situ SEM setup reduces the possibility of surface oxidation during the mechanical test. While the instrument is inherently load controlled, the displacement rate was controlled through the feedback from the load signal in order to achieve a nominal strain rate of 10 À3 s
À1
. If a displacement jump larger than 10 nm was recorded during the deformation (e.g. due to a large strain burst), the crystal was completely unloaded then reloaded with the same procedure discussed above. The engineering stress was calculated by dividing the load by the initial mid-plane crosssectional area, while the engineering strain was calculated by dividing the displacement by the microcrystal height. Before calculating strain, the displacement data was corrected to account for the machine compliance and the compliance due to the deformation of the base [50] . At least four tests were performed for microcrystals having D ¼ 2, 5, 10, 20 mm to guarantee repeatability of the results.
Molecular dynamics simulations
In this paper, MD simulations were utilized to understand the transition in the deformation mode when crystal size decreases down to nano-scale. Performing "clean" experiments at nano-scale for Mg is much more challenging given that sample preparation using FIB milling can easily lead to nanopillars with much higher dislocation densities and larger taper angles. All simulations were performed using the three-dimensional MD simulation code LAMMPS [51] . The embedded atom method (EAM) potential developed by Liu et al. [52] was used to model the Mg interatomic interaction. As summarized in Ref. [53] , this potential agree well with density function theory (DFT) and experimental measurements in terms of lattice constants, cohesive energy, elastic constants, and stacking fault energies. The simulations were conducted for three rectangular simulation cells. The smallest simulation cell mimics a rectangular nano-crystal having edge-lengths l x ¼ 30 nm, l y ¼ 30 nm, and l z ¼ 60 nm. The total number of atoms in this simulation cell is~2.38 million atoms. The intermediate simulation cell mimics a cubic nano-crystal with edge length 100 nm, having 48 million atoms. The largest simulation cell has edge lengths l x ¼ 140 nm, l y ¼ 140 nm, and l z ¼ 70 nm, which contains~59 million atoms. Free surface boundary conditions were employed along all three directions. The compressive loading was imposed along the ½1120 a-axis, which coincides with the z-direction of the simulation cell. The imposed strain rate was 5 Â 10 9 s À1 for the smallest and intermediate simulation cells and 2 Â 10 9 s
À1
, for the largest simulation cell.
At the beginning of all simulations, the atomic system was fully relaxed by the conjugate gradient algorithm with energy tolerance of 10 À12 and force tolerance of 10 À13 eV/A. The system was then heated to 300 K within 300 ps using the NVE ensemble, and the temperature was maintained constant during loading using the NVT ensemble. The time step was set to be 0.001 ps during loading for all simulations. In all atomic structure images reported here, thermal fluctuations were removed by performing 50 steps of conjugate gradient relaxation. All atom visualizations were obtained using OVITO [54] , while the centro-symmetry and common neighbor analysis (CNA) parameters were used to color the atoms as indicated in each figure caption. The centro-symmetry parameter for HCP crystals are 0 for stacking faults or the FCC lattice; 9 for dislocation cores and TBs; 10 for HCP bulk lattice; and >12 for other.
Deformation modes during compression along the a-axis
The critical resolved shear stress (CRSS) measured experimentally [55e61], the Peierls stress predicted from MD simulations [62e67], and the Schmid factor for all possible deformation modes in Mg for the compression loading along the ½1120 in the matrix, and ½2113 in the twinned region are summarized in Table 1 . For the ½1120 imposed compression loading, the Schmid factor is highest for prismatic slip in the matrix (i.e. parent crystal), followed by f1012g tensile twinning. However, the CRSS for prismatic slip at room temperature is four times higher than that for tensile twinning. Thus, deformation is most likely dominated by tension twinning. Within the twinned region, basal slip is expected to dominate due to its low CRSS and high Schmid factor.
Results and discussion
Representative engineering stress-strain curves for microcrystals having D 18 mm are shown in Fig. 1(a) , while those for D > 18 mm are shown in Fig. 1(b) . In addition, the engineering stress-strain response of a bulk Mg single crystal compressed along the ½1120 direction [68] is also shown in Fig. 1(b) for comparison. It is observed that the stress-strain curve of microcrystals having D 11 mm show massive strain bursts that commence at about 1% strain, and while strain bursts are still observed for microcrystals having D > 11 mm, their magnitudes are significantly smaller. Strain bursts are mainly due to the inherently load controlled dynamics of the nanoindenter. Once accelerated twin propagation initiates (as will be discussed in detail), the nanoindenter cannot cope with the sudden drop in the stress required for twin propagation and results in instant strain bursts. In order to analyze the microstructure (Fig. 2) before the microcrystals gets heavily deformed ( Fig. 2(b) ), the loading methodology was revised such that the nanoindenter head would be retracted as soon as the instrument detects a strain bursts larger than 0.5%. Therefore, the stress-strain curves shown in Fig. 1 (a) for microcrystals having D 11 mm mostly show data points only up to the point when the large strain burst initiates. In addition, no significant strain hardening is observed for crystals having D 18 mm. It should be noted that these observations are in agreement with previous single crystal Mg pillars experiments in the range of~0.5 < D < 11 mm [39, 40] . On the other hand, microcrystals having D > 18 mm show significant strain hardening, which is characteristically different than smaller crystals or the bulk response. This strain hardening is observed to gradually decrease toward the bulk response with increasing crystal size.
Single twin dominated response
The SEM micrographs of a microcrystal having D ¼ 10 mm preand post-deformation (after 15% strain) are shown in Fig. 2 (a) and 2(b), respectively. These morphologies are representative for all Table 1 Critical resolved shear stress (experiments), Peierls stress (MD simulations), and Schmid factor of the various deformation modes in Mg for compression loading along the ½1120 direction for the parent matrix, and ½2113 for the twinned region. [62, 64, 66, 67] , and experimental slip trace analysis [61] , indicate that this value coincides with Pyramidal I slip instead. These micrographs indicate that a single twin spans most of the top half of the column. The loading axis in the twinned region is parallel to the ½2113 direction, which leads to a misorientation angle between the twin and matrix of approximately 86 between the twin and matrix. Twins are observed to nucleate from the top of the pillar [39, 40] , then propagate laterally to form a thin twin lamella, as shown schematically in Fig. 3(a) . Once a complete twin lamella forms, it thickens following a layer-by-layer migration throughout the column of the pillar. It should be noted that during compression along the ½1120 direction the Schmid factor is maximum for two twin-variants, namely, ð1012Þ½1011 and ð0112Þ½0111 twins. Thus, the probability of the nucleation of either twin variant is equal, and twin-twin interaction is generally expected. However, as shown in Fig. 2(d) only a single twin-variant is observed in all tested Mg microcrystals having D 18 mm. This single twin dominated deformation for the D 18 mm can be attributed to a number of factors including: 1) the surface roughness of the microcrystals; 2) the friction between the microcrystal and the flat punch surfaces; and/or 3) the microcrystal taper angle that leads to higher stresses at the top surface. Since the twin nucleation stress is higher than the twin propagation stress [69] and the twin tip velocity is high, when a twin nucleates at the loading surface it propagates down the column before another twin can nucleate. In this scenario, other possible sites where additional twins can nucleate and propagate are not in the column of the pillar but within the contact area.
Within the twined region, basal slip is expected to dominate due to its low CRSS and high Schmid factor (see Table 1 ). This is confirmed in the current experiments by the observed basal slip bands in the twinned region, as shown in Fig. 2(b) and (c) . The single slip character of basal slip leads to no measurable strain hardening. As shown schematically in Fig. 2(e) , the loading axis with respect to the twin crystallography is ½2113 and the angle between the loading axis and the basal planes in the twin is 31.6 . Given that the aspect ratio of the pillars is 2:1, the twin thickness must be at least 60% of the pillar length before basal slip bands can extend from one side of the pillar to the other (i.e. twin volume fraction of 0.6). The longitudinal plastic strain required to reach this condition can be predicted from Refs. [39, 40] .
where V is the twin volume fraction, M ¼ 0.37 is the Schmid factor for ½1120 loading, and the shear strain due to twinning is g ¼ 0:129 [12] . Thus, a longitudinal plastic strain of at least 2.9% is required before basal slip bands are observed on the microcrystal surface. Given that stain bursts occur before accumulating 2.9% plastic strain (Fig. 1) , basal slip alone cannot explain the observed strain burst, and twin propagation must be involved. This suggests that strain burst is most likely related to accelerated twin propagation, which eventually leads to massive basal slip. The single slip character of basal slip leads to no measurable strain hardening. The smaller strain burst observed for crystals having 11 mm < D 18 mm as compared to those observed for crystals having D 11 mm could be explained as follows. In the smaller microcrystals the flow stress levels are high as compared to those in the larger microcrystals. Since the twin-boundary velocity is proportional to the stress-level [70] , the twin-boundary velocity, and subsequently the plastic strain rate, in the smaller crystals will be higher. In addition, the nanoindenter's feedback-control loop has a fixed speed, which dictates how fast the system can respond when a strain burst commences. In case the strain burst due to twinboundary propagation reaches the critical plastic strain for the onset of basal slip band formation in the twin before the nanoindenter responds to the burst, additional strain burst would occur due to basal slip. This is clear for crystals having D 11 mm, which show strain bursts larger than the 2.9% strain required for the twin to reach the critical volume fraction for basal slip bands to be observed. For crystals having 11 mm < D 18 mm, the strain bursts are smaller than 2.9%, which indicate that the nanoindenter is able to retract shortly after the onset of strain bursts.
The mechanical response of microcrystals smaller than 18 mm can be summarized as follows. As the microcrystal is loaded, the stress reaches the twin nucleation stress. While it is intuitive to think that yielding occurs once twin nucleates, Yu et al. [42] and Kim [40] reported that twin nucleation occurred before reaching the critical stress where strain bursts were observed. The lower macroscopic stress for twin nucleation is presumably due to stress concentration at the top of the pillar during contact. The local stress at the region of twin nucleation is expected to be larger than the burst stress, and it is plausible that the critical stress where strain burst is observed is related to the critical twin propagation stress. Once accelerated twin propagation occurs, the twin propagates laterally to form a thin twin lamella, then thickens following a layer-by-layer migration throughout the column of the pillar. Within the twined region, basal slip occurs due to its low CRSS and high Schmid factor. Once basal slip bands can extend from one side to the other ( Fig. 2(c) and (e)), it is expected that basal slip will start to govern the deformation behavior, and lead to a failure morphology, which resembles the sliding of a deck of cards (as shown in Fig. 2(b) ). While CRSS for twin propagation is measured from the stress-strain curve, CRSS for basal slip cannot be observed due to the inherently load-controlled indenter's dynamics.
Twin-twin interaction induced hardening
A representative SEM image of a microcrystal having D ¼ 20 mm after 8% strain, is shown in Fig. 4(a) . Ion beam channeling contrast and EBSD images of a thin lamella extracted from the center of the upper half of the same microcrystal, are shown in Fig. 4(b) and (c),
respectively. Unlike microcrystals having D < 18 mm, it is observed that deformation is dominated by the nucleation and interactions of multiple twin-variants. As shown schematically in Fig. 3(b) , two twins having different variants nucleate then propagate before either twin is able to form a complete twin lamella in the microcrystal. This inhibits the formation of clear basal slip bands in the twined regions. Three-dimensional (3D) DDD simulations have shown that the twin boundaries act as strong obstacles to basal slip, and contribute significantly to the overall hardening response [71] . Thus, when multiple twin-variants nucleate and interact, subsequent basal slip in either twinned region will be constrained by the twin boundaries, which leads to significant strain hardening as shown in Fig. 1(b) . It should be noted that the hardening rate is the highest in the smallest microcrystals that show twin-twin interactions, and decreases as the microcrystal size increases further until it approaches the hardening rate of a bulk Mg crystal. Since hardening is due to twin-twin and dislocation-twin interactions, the effect is mostly localized to the area near the twin boundary. Therefore, the effect on the macroscopic stress-strain curve will decrease as the pillarsize, and subsequently the twin-size, increase until the bulk response is recovered in large enough microcrystals. These observations are in agreement with DDD simulations that show a strong twin size-effect on the hardening of a-axis oriented microcrystals [72] . In addition, it should be noted that the main interest of the current study is to report and understand the transition from single tensile twin dominant behavior towards twin-twin and dislocation-twin interactions. However, the exact crystal size at which this transition occurs (~18 mm in the current study) may be governed by the initial dislocation density (~10 9 m À2 in this study) and presence of grain boundaries in polycrystals. These effects are not investigated here.
Size effects and the deformation mechanisms map
The critical resolved shear stress (t CRSS ) calculated from the yield point (s y , 1% flow stress for microcrystals without strain burst) (t CRSS ¼ s y $M) versus the microcrystal diameter for all the current experiments are shown in Fig. 5(a) . In addition, the CRSS calculated from 4% flow stress for microcrystals that exhibit strain hardening is plotted in Fig. 5(b) . Fig. 5(a) shows a consistent trend of 'smaller the stronger' behavior throughout the whole experiments, while Fig. 5(b) emphasizes the anomalous strain hardening only observed in larger crystals. Here M ¼ 0.37 is the Schmid factor for ½1120 loading when deformation is predominantly tension twinning, while M ¼ 0.43 for ½1120 loading when the deformation is predominantly prismatic slip only. Two distinct regions with different size-affected responses can be clearly observed for microcrystals above and below D ¼ 18 mm. In the first regime (i.e. D 18 mm), the size effects are observed to follow a power-law relationship of the form t CRSS fD À0:77 . This power-law exponent (n ¼ 0.77, Fig. 5(a) ) is smaller than that for tensile twinning during ½1010 tensile-loading (n ¼ 0.93, Fig. 5(a) ) [40] , and that predicted from the stimulated slip model for twin growth (n ¼ 1) [38] . The lower exponent in the current experiments can be rationalized based on the two types of active dislocations in this loading axis, namely, prismatic dislocations and twinning dislocations [33] . Even though plastic strain mediated by twin growth is significantly larger than prismatic slip, prismatic dislocations are expected to affect twin growth by dislocation-twin boundary interactions [33, 71] . It should be noted that the power law exponent for tensile twinning as predicted from 3D-DDD simulations (n ¼ 0.75) [33] , which considers dislocationtwin boundary interaction, surprisingly matches well the current experimental measurements (n ¼ 0.77). Nevertheless, while the DDD simulations focused on interactions between the twin boundary and prismatic dislocations in the matrix, interactions between the twin boundary and basal dislocations within the twinned region might be another important factor to consider.
In the second regime (D > 18 mm), a sudden increase in strength is observed resulting from twin-twin and dislocation-twin interaction. As discussed earlier, the hardening rate gradually decreases toward the bulk behavior as the microcrystal size further increases. 5. (a) CRSS (calculated at the yield point) of micro-compression samples oriented to deform by tensile twinning versus microcrystal diameter. Data points for Kim -twin ½1120 and ½1010 were taken from Ref. [40] ; (b) CRSS for prismatic slip (from MD simulations, deltas), single twin growth (at yield, circles), and twin-twin interaction (at 4% strain, squares), versus microcrystal diameter. The deformation mechanism map is also shown by the colored regions. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this article.) Fig. 6 . Engineering stress-strain curves as predicted from MD simulations of two rectangular simulation cells oriented for compression along the ½1120 direction.
As such, the strength decreases with increasing microcrystal size following another power-law relationship. However, the range of microcrystal sizes tested is small due to the significant time needed to FIB mill larger pillars. Thus, the magnitude of the power law exponent in this region was not quantified here.
On the other hand, the stress-strain response and the deformation mode as predicted from MD simulations for 30 Â 30 Â 60 nm 3 and 100 Â 100 Â 100 nm 3 simulation cells are shown in Figs. 6 and 7 , respectively, and the evolution of deformation microstructure in the 30 Â 30 Â 60 nm 3 simulation cell is shown in Supplementary Movie S1. In both cases prismatic <a> dislocations are observed to nucleate on the two prismatic planes having the highest Schmid factor. These prismatic <a> dislocations carry the plastic strain throughout the deformation, and no twinning deformation was observed in either simulation cell up to the end of the simulations (> 15%).
Supplementary video related to this article can be found at https://doi.org/10.1016/j.actamat.2017.10.033.
The critical resolved shear stress at yield versus the simulation cell edge length for the two simulation cells are also included in Fig. 5(b) . It is clear that the slope predicted by these results for dislocation slip is considerably smaller than the slope predicted from the current experiments for deformation with twinning. Through extrapolation, both curves intersect at a crystal size of 120 nm, which suggests that below this crystal size deformation would be dominated by dislocation slip, while above it deformation will be dominated by twinning. To confirm this, a cross-sectional view through a 140 Â 140 Â 70 nm 3 simulation cell after 8.15%
strain is shown in Fig. 8 , while the 3D microstructure is shown in Fig. 7(c) . For this crystal size, prismatic <a> dislocations are observed to nucleate first on the two prismatic planes having the highest Schmid factor. However, at 5.6% strain twin nucleation initiates at a dislocation junction that forms near the free surface, which grows slowly with increasing deformation. From the orientations of the matrix and twin shown in the insert of Fig. 8 , the caxis of the twinned region is rotated by~90 from the matrix, indicating it is a f1012g tension twin, in agreement with those observed in the current experiments. Furthermore, two types of interfaces between the matrix and the twin can be identified, including straight basal/prismatic (B/P) transformation interface, and curve TBs, showing good agreement with the experimental TEM and MD observations [66, 73] . These MD simulations confirm the transition from predominant dislocation mediated plasticity to twinning dominated plasticity at a critical crystal size, as shown in Fig. 5(b) . Due to the high strain rates employed in MD simulations as compared to those in the current experiments, it is expected that the yield strength would decrease, and subsequently the critical crystal size will increase, with decreasing strain rate [74] , as shown schematically in Fig. 5(b) . The question that arises here is what are the physical origins that control the transition between the different deformation modes discussed above. To answer this it is important to note that twin nucleation is governed by the local stress state near preexisting defects (e.g. grain boundaries, surfaces, and dislocations), while twin propagation is governed by long range stresses. Furthermore, the origin of the variability in twinning modes is mostly attributed to twin nucleation probability [75, 76] . While various models for homogeneous [77] and heterogeneous [78e81] twin nucleation have been proposed in literature, homogeneous twin nucleation is less likely to occur due to the extraordinarily high stress required. Alternatively, heterogeneous twin nucleation at a pre-existing defects is more likely to play a dominant role in governing the twin nucleation process. In heterogeneous nucleation models, dissociations of perfect <a>, <aþc>, or <c> dislocations into glissile twinning dislocations has been suggested as the main nucleation mechanism for twin nucleation in Mg [79, 80] . These models agree with recent atomistic simulations, which show that it is energetically more favorable to nucleate a twin in an HCP crystal by the simultaneous nucleation of a partial dislocation and multiple twinning dislocations [82, 83] from pre-existing defects.
In the current Mg single crystal experiments, sessile screw dislocations may act as local stress concentrators that promote twin nucleation. When the applied stress is high enough to activate both prismatic edge and screw dislocations (i.e. t applied > t PSscrew > t PSedge ), prismatic dislocations will glide continuously and plastic deformation will be governed by prismatic slip (see schematic in Fig. 9(a) ). Since the Peierls stress for prismatic edge dislocations are lower than screw dislocations (Table 1) , if the applied stress is higher than the CRSS for edge dislocations but lower than the CRSS for screw dislocations, edge dislocations will be mainly active, which will lead to the formation of sessile screw dislocations in the crystal (see schematic in Fig. 9(b) ).
For a typical initial dislocation density on the order of 10 9 e10 12 m À2 , in submicron crystals (D < 0.5 mm) the applied stress is high and the crystal size is small, thus, both screw and edge dislocations will be activated and the probability of twin nucleation as compared to dislocation mediated plasticity greatly decreases.
For crystals in the range of 0.5 D 18 mm, the number of available sources to create sessile screw dislocations is typically small; therefore, the probability to nucleate multiple twin-variants is small. On the other hand, in larger crystals (D ! 18 mm), more dislocation sources are available, which results in increasing the number of probable sites for twin nucleation (see schematic in Fig. 9(c) ).
Summary and conclusions
In summary, micro-compression room temperature experiments were performed on single crystal Mg microcrystals ranging in size from 2 mm to 22.6 mm. Two regimes with different twin modes are reported. In the first regime (diameters smaller than 18 mm) single twin propagation dominates, while in the second regime (diameters larger than 18 mm) nucleation and interactions between different tensile twin-variants are observed. The stress required for twin propagation was found to increase with decreasing sample size, showing a typical "smaller the stronger" behavior. An anomalous increase in strain hardening is first reported for microcrystals having diameters larger than 18 mm, which is induced by twin-twin and dislocation-twin interactions. The hardening rate gradually decreases toward the bulk response as the microcrystal size further increases. Furthermore, molecular dynamics simulations indicate a transition from twinning mediated plasticity to dislocation mediated plasticity for crystal sizes below a few hundred nanometers in size. A deformation mechanism map for twin oriented Mg single crystals, ranging from the nano-scale to bulk scale is proposed based on the current simulations and experiments. The current predicted size-affected deformation mechanism of twin oriented Mg single crystals can lead to better understanding the competition between dislocations plasticity and twinning plasticity. In addition, the current results can further be used to validate physics-based simulations methods (e.g. atomistic simulations, discrete dislocation dynamics simulations, and crystal plasticity) targeted at modeling and predicting the different mechanical properties of Mg and Mg alloys. While the deformation mechanisms map proposed here is based on tensile-twin oriented Mg single crystals, the general trend of length scale effect on the dominant deformation mechanism should be applicable to other HCP metals.
